It is known that the room-temperature plastic deformation of bulk metallic glasses is compromised by strain softening and shear localization, resulting in near-zero tensile ductility. The incorporation of metallic glasses into engineering materials, therefore, is often accompanied by complete brittleness or an apparent loss of useful tensile ductility. Here we report the observation of an exceptional tensile ductility in crystalline copper/copper-zirconium glass nanolaminates. These nanocrystalline-amorphous nanolaminates exhibit a high flow stress of 1.09 ؎ 0.02 GPa, a nearly elastic-perfectly plastic behavior without necking, and a tensile elongation to failure of 13.8 ؎ 1.7%, which is six to eight times higher than that typically observed in conventional crystallinecrystalline nanolaminates (<2%) and most other nanocrystalline materials. Transmission electron microscopy and atomistic simulations demonstrate that shear banding instability no longer afflicts the 5-to 10-nm-thick nanolaminate glassy layers during tensile deformation, which also act as high-capacity sinks for dislocations, enabling absorption of free volume and free energy transported by the dislocations; the amorphous-crystal interfaces exhibit unique inelastic shear (slip) transfer characteristics, fundamentally different from those of grain boundaries. Nanoscale metallic glass layers therefore may offer great benefits in engineering the plasticity of crystalline materials and opening new avenues for improving their strength and ductility.
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metallic glass ͉ size-dependent plasticity ͉ nanocrystalline materials ͉ amorphous-crystalline interface ͉ tensile ductility A traditional strategy to develop ultrahigh-strength crystalline materials is to limit or inhibit the motion of dislocations required for plastic deformation (1-3) so that a higher applied stress is necessary. Examples of such advanced materials include thin films (4), nanocrystalline metals (5-7), and nanolaminates (8) (9) (10) . As dislocation motion in high-strength crystalline materials becomes increasingly difficult (11) , the ductility, i.e., the ability of a material to change shape without catastrophic failure, is often reduced dramatically (6, 7) . In bulk metallic glasses, plastic deformation is not enabled by dislocations (12) (13) (14) (15) (16) (17) (18) (19) (20) (21) but rather by clusters of atoms that undergo cooperative shear displacements [shear transformation zones (STZs)] (16); in the extreme limit of homogeneous-toinhomogeneous flow transition, shear bands of nanoscale width form (17, (19) (20) (21) . The formation of such shear bands causes large strain softening and abrupt rupture of the metallic glasses. By way of contrast, large compressive plastic strains have been obtained in several bulk metallic glasses (12) (13) (14) . Nonetheless, they show nearzero macroscopic ductility when subjected to tensile loading. To our knowledge, there is no experimental evidence currently suggesting that macroscopic metallic glass samples can sustain large tensile plasticity. An interesting question arises whether shear banding remains the Achilles' heel of metallic glasses as their dimensions approach the nanoscale.
The nanocrystalline Cu and nanoscale Cu/Zr glass nanolaminate samples were fabricated by magnetron sputter deposition of alternating layers of Cu and Zr. A solid-state amorphization reaction between the Cu and Zr layers resulted in the formation of the nanolayer Cu/Zr metallic glass. The cross-sectional transmission electron microscopy (TEM) image in Fig. 1A shows that the as-fabricated nanolaminate foils consist of well defined, alternating layers of Cu nanocrystals and Cu/Zr metallic glass.
The average grain size of nanocrystalline copper (Ϸ35 nm) is approximately equal to the crystal layer thickness (this is confirmed through the plan-view TEM image shown in Fig. 1B) , whereas the thickness of the metallic glass layers (Ϸ5-10 nm) is controlled by the deposition thickness of elemental Zr (5 nm of amorphous Cu Ϸ3 Zr forms from 2.5 nm of Zr and 3.8 nm of Cu). High-resolution TEM examination shows that the nanocrystalline Cu grains/layers are nearly dislocation-free, with a {111} out-of-plane texture and little evidence of growth twins. Electron dispersive x-ray spectrometry suggests that the metallic glass layer has a composition of Cu Ϸ3 Zr, in agreement with the atomic ratio defined by the Zr and Cu layer thickness forming these layers.
Room-temperature uniaxial tensile tests of 5/35 (i.e., a 5-nmthick Cu Ϸ3 Zr metallic glass layer and a 35-nm-thick nanocrystalline Cu layer; the same notation applies throughout the text) samples at a strain rate of 1 ϫ 10 Ϫ4 s Ϫ1 reveal that the nanolaminate exhibits a high strength (Fig. 1C) with the steady-state flow stress of 1,090 Ϯ 20 MPa. In contrast, the flow stress of crystalline Cu layers with the thickness of 35 nm is estimated to be 630 MPa (22) , and single-phase bulk nanocrystalline Cu with an average grain size of 30 nm has a tensile strength of Ͻ800 MPa (one example is shown in Fig.  1C ) (23) . These strengths are significantly less than that of this nanocrystalline-amorphous nanolaminate, indicating that the addition of amorphous layers has considerably elevated the strength of otherwise nanocrystalline copper layers. The 5/35 nanolaminate also shows a large tensile ductility, with an elongation to failure (%) of 13.8 Ϯ 1.7%. Replacing the amorphous metallic glass layers with other layers of crystalline phase, such as 304 stainless steel or Nb (e.g., Cu/304 SS or Cu/Nb nanolaminates), leads to a low ductility, with an % of Ͻ2% (Fig. 1C) (8) (9) (10) . This sharp decrease in ductility is the major limitation encountered in all high-strength crystalline-crystalline multilayer materials with nanometer-sized bilayers ( Յ 40 nm) (8, 10) , as well as in many single-phase nanocrystalline metals with unimodal grain size distributions (Fig.  1C , nanocrystalline Cu curve) (6, 23) . It is worth pointing out that high-strength and high-ductility nanostructured copper has been reported before (see, for example, refs. 24 and 25). However, the observed tensile ductility of the nanocrystalline Cu-amorphous Cu Ϸ3 Zr nanolaminate is unexpected in view of the near-zero tensile ductility of bulk metallic glasses as well as the characteristically low ductility in nanoscale microstructure materials.
Another striking feature of nanocrystalline-amorphous nanolaminates (Fig. 1C) is that essentially zero strain hardening occurs during plastic deformation, indicative of an elastic-perfectly plastic behavior without neck formation. Such near-perfect elastoplasticity in tension is quite unusual and has only been observed in pure nanocrystalline copper (5) when deformed at the extremely slow strain rate of 5 ϫ 10 Ϫ6 s Ϫ1 . The physical mechanism of this behavior in the pure nanocrystalline copper was related to a grain boundary (GB) sliding mechanism (7), which often leads to a drop of the flow stress (7, 26) . The high flow stress (ϳ1.09 GPa) and the nearperfectly plastic flow behavior observed in our samples at room temperature and at a much higher strain rate of 10 Ϫ4 s Ϫ1 are inconsistent with the observations in pure nanocrystalline materials, indicating an alternative deformation mechanism. The nearly perfect plasticity observed here is in apparent contradiction with the Considère criterion, which predicts the mathematical onset of necking when d/d Յ is reached, at constant strain rate, . For a thin sheet sample tested in tension, the criterion for geometrical softening via localized necking is d/d Ͻ /2 (27) . Neither criterion, however, predicts the rate of necking leading to discernable shape change and ultimate failure. According to Hutchinson and Neale's (28) nonlinear analysis for strain-rate-sensitive materials, one can expect a substantial range of near-uniform straining before necking failure provided that the strain rate sensitivity (m) of the material is in the intermediate range of a few percent. We have therefore carried out the strain rate jump tests of the 5/35 Cu/Zr nanolaminates, which reveal a strain rate sensitivity (m) value of 0.03 in the strain rate range used in our experiments (1.0 ϫ 10 Ϫ4 to 7.0 ϫ 10 Ϫ4 s Ϫ1 ). This represents a 5-fold increase over the m value of 0.006 for conventional coarse-grained Cu (29, 30) . This m value is large enough to render Ϸ10% near-uniform tensile elongation, following Hutchinson and Neale's analysis (28) . In our experiments, localized deformation was not visually detected before the tensile strain reached Ϸ10-11%. However, necking eventually set in beyond this strain. Note in Fig. 1D that the gauge-width variation is Ͻ0.9% along the gauge-length direction after fracture and that the 5/35 nanolaminate samples ultimately failed along narrow bands inclined at an angle of Ϸ55°with respect to the tensile axis, coincident with the necking direction predicted for thin sheet samples by McClintock and Argon (27) .
To understand the physical origin of large tensile ductility and near perfectly plastic flow behavior of the nanolaminates, we examined by high-resolution TEM the microstructures of nanolaminate foils at different tensile strains ( Fig. 2 A-D) . Heavy dislocation storage or pileup was not revealed in the deformed nanocrystalline layers except for a few deformation twins (pointed with arrows in Fig. 2E ), one end of which tends to terminate at the amorphous-crystalline interfaces (ACIs) or the copper-copper GBs. This implies that, in addition to GBs, the ACIs may have become the sources for dislocation nucleation. Deformation twinning during tensile testing of nanocrystalline copper at roomtemperature and quasistatic strain rates is quite rare, indicative of high stress levels achieved in the nanograins. The formation of deformation twins leads to a minuscule strain hardening effect in the nanocrystalline layers and may help to balance potential shear softening in the amorphous layers, rendering an overall near-zero strain hardening behavior seen in Fig. 1C . Because of the comparable areal density of ACIs and copper-copper GBs, we hypothesize that the ACIs play a significant role (as the GB mechanisms) (10, 21) in enhancing both the ductility and the m value of our samples.
High-resolution TEM observations of uniaxial tensile-deformed nanolaminates show that the nanoscale (5-10 nm) amorphous layers do not exhibit shear bands or nanocracks, even when the local tensile strains reach as high as Ϸ14% (this value is deduced from the thickness reduction of the amorphous layer by comparing Fig.  1 A and Fig. 2E , assuming a constant volume condition in plastic deformation), indicative of homogeneous flow in the metallic glass layers. This nanoscale tensile ductility in the amorphous layers is notable, considering that bulk metallic glasses exhibit essentially zero ductility in tension. Our room-temperature rolling experiments further indicate that the plastic flow of the nanoscale metallic glass layers remains uniform, even when the individual layer thickness reduction is 50%. The lack of shear banding in the nanoscale metallic glass layers may be understood in terms of the aged-rejuvenation-glue-liquid shear band model (18) . It predicts that the size of the stressed metallic glass region must exceed an incubation length scale L inc in order for STZs to develop into mature shear bands:
where ␣ is the metallic glass's thermal diffusivity, c v is its volumetric specific heat, T env is the ambient temperature, glue Ϸ 0.01E from both experimental data and molecular dynamics (MD) simulations, and c S ϭ ͌ / is the shear wave speed. For Zr-based metallic glasses, Eq. 1 gives L inc ϳ 10 nm. Therefore, if the glass layer is just 5-10 nm thick, shear localization will not be able to develop in the usual fashion. Extensive experimental characterization of shear bands in bulk metallic glasses indicates that they have a characteristic width of 10-50 nm (17, (19) (20) (21) . This supports our notion that when the thickness of a metallic glass layer is below an intrinsic length scale parameter, L inc , of the metallic glass, a different mechanical response may be expected (length scale effect in the plastic deformation of metallic glasses).
Judging from the lack of dislocation pileups near the ACIs and homogeneous flow behavior of the amorphous phase, we postulate that the interplay between nanocrystalline layers and the nanoscale metallic glass may be the main reason for large ductility enhancements in both phases. The large defect cluster that evolves out of the amorphous phase (embryonic shear band), which could eventually fail the whole amorphous material, may have been stopped by the nanocrystalline layers before it reaches maturity (18) . Similarly, dislocation structures and geometric incompatibilities, which could localize in nanocrystalline grains and GBs (causing large stress concentrations and perpetuating themselves by jumping from grains to grains), may have been disrupted and dissolved by the amorphous layers. To test this hypothesis (''quarantine principle''), we have conducted MD simulations of 5/10 and 5/35 nanolaminate systems in tension, using a Cu/Zr interatomic potential developed by Duan et al. (31) . Although such simulations are limited by the timescale accessible, they provide crucial atomistic details unavailable to experiments. Here, our MD simulations have yielded information about basic defect energetics and geometric insights supportive of some basic tenets of our hypothesis.
At the outset of the plastic deformation in our simulations, it was noticed that dislocations are nucleated from ACIs (often triggered by STZ activities in the metallic glass layers) or from GBs or ACI-GB intersections, gliding across the nanocrystal layer, and being absorbed at the opposite ACI ( Fig. 3 A and B; for simplicity, the GBs are not shown). Our simulations have shown that ACIs clearly act as natural sinks of dislocations, absorbing the dislocation content in the nanocrystalline copper after plastic work has been accomplished (32) . To characterize the atomic-scale physics occurring in the metallic glass when dislocations are absorbed, we quantitatively compute the atomistic inelastic strain (18) in reference to a configuration before dislocation activities (Fig. 3 C and D; the atoms with the inelastic strains Ͻ6% are not shown). The STZs in the amorphous Cu/Zr layers can be clearly visualized as clusters of structurally disordered atoms. As the deformation starts, a few STZs can be seen to be activated in an uncorrelated fashion inside amorphous layers. Afterward, Shockley partials were nucleated from ACI and propagated inside the crystal, leaving behind the stacking faults. When a dislocation hit the opposite ACI, more STZs are activated in a correlated fashion near the intersection line between the dislocation slip plane and ACI (Fig. 3C ). Subsequently they trigger other STZs nearby, and the entire inelastically deformed zone ''diffuses'' gradually into the deeper amorphous region. Another process that frequently accompanies dislocation absorption is ACI sliding (similar to GB sliding), which spreads the dislocation core along the ACI (33) . ACI sliding occurs between crystalline and amorphous halves and shows up as small rafts of ordered atoms in Fig. 3D (highlighted with dashed circles) . These atoms belong to the adjacent crystal plane oriented parallel to the ACI. The ACI has random structural variations because of the amorphous phase, leading to interfacial regions with weak shear strengths that are susceptible to sliding. The conversion of dislocation cores (geometric incompatibilities) into STZs and ACI sliding blunt the stress concentrations associated with the dislocation flux and homogenize the plastic flow of nanolaminates.
The behavior we observe is very different from those we have seen so far in crystalline-crystalline nanolaminates and singlephase nanocrystalline materials, where high stress concentrations are often encountered near dislocation pileups or GB triple junctions (34). It is not surprising that ACIs have very different inelastic shear (slip) transfer properties from those of GBs, because they belong to a different structural class of internal interfaces. GBs have 5 df (3 df for misorientation and 2 df for inclination), but ACIs have only 2 df (inclination, but no misorientation). Our atomistic simulations have revealed some unique features of shear/slip transfer near ACIs compared with near GBs or crystalline-crystalline interfaces (CCIs). Near a GB or a CCI, slip/shear transfer happens by either core spreading along the shear-weak interface (35) or triggering of new slips in the companion grain but only at very limited selections of Burgers vectors and slip planes. Thus, large incompatibility and stress concentration could build up inside or near the GB or CCI during deformation. For problems like fracture, e.g., microcrack initiation by GB decohesion, one has to look at the extreme statistics, i.e., the worst case scenarios. In a nanocrystal with random grains, for example, one inevitably has two extremely misaligned grains (totally misaligned slip planes and high Schmid factor in one grain but low Schmid factor in another), where large geometric incompatibilities in the form of GB dislocations or lattice dislocation pileups could arise. This may be a key reason why some nanocrystalline materials show little tensile elongation to failure despite the observed enhanced strain rate sensitivity (36, 37) . Such ''extreme incompatibility'' scenario will not nearly often arise at the ACIs, because the STZs in the amorphous materials are omnidirectional; e.g., there are infinite selections of possible inelastic shear modes to transfer to. For an incoming lattice dislocation, if slip transfer does not work out at one spatial point, it could still carry through at another spatial point down the line of intersection. In contrast, for a lattice dislocation impinging a CCI, if slip transfer does not go through at one point, it is likely that the entire line is stuck because of structural periodicity. From our large-scale MD simulations, we observed that slip transfer at ACIs is more ad hoc, diffuse, and efficient in removing the extreme grievances in the sense of extreme statistics. Less geometric incompatibility concentrated at ACIs means delayed decohesion and fracture initiation. The model also suggests that the enhanced m measured in our experiments arises most likely from ACI-based mechanisms, e.g., interactions of dislocations with amorphous layers as projected from the experimental observations of deformed nanocrystalline-amorphous nanolaminates.
The MD results indicate that the amorphous layers can significantly impact dislocation structures formed in the nanocrystalline layers (illustrated for the 5/35 system in Fig. 4 ). In the simulations, a great burst of dislocations is nucleated at the beginning of tensile deformation in both 5/10 and 5/35 systems, resulting in dense sessile dislocation forests (Fig. 4A) . The rod-like sessile dislocations come from intersections of two nonparallel stacking faults or twinning systems (Fig. 3B , middle of crystal layer). As the simulation time progresses, however, the dislocation density decreases dramatically (Fig. 4B) because of the attraction and annihilation of dislocations in the metallic glass layers. This attraction destabilizes dislocation structures near ACIs. We find that not only the mobile dislocation segments but also the existing sessile dislocations are effectively drawn into the amorphous layers because of reactions with new mobile dislocations. Most of the dislocations we see in the simulations are single Shockley partial dislocations with associated stacking faults.
We emphasize the critical importance of dislocation slip mechanisms modulated by nanoscale metallic glass in sustaining the good ductility of our samples. The tensile tests of 5/5 samples revealed a high tensile strength of 1.96 GPa but a near-zero tensile elongation to failure, preempting any dislocation activities and plasticity. TEM showed penetration of the amorphous glassy Cu Ϸ3 Zr through the thickness of the crystal layers that resulted in drastic decrease of the tensile elongation. Our experimental results here also suggest that excessive storage of dislocations or pileups may not necessarily be the best avenue to achieve large tensile ductility in ultrahighstrength materials. The high stress concentrations rendered from the dislocation pileups may very well promote GB voids/cracks and lead to early failure of nanocrystalline materials (23, 36 ). An optimal, intermediate level of dislocation or stacking fault storage is likely favorable for maximizing the ductility of nanostructured materials. Our experimental observations and simulations demonstrate that the nanoscale metallic glass layer not only sustains large tensile plasticity itself but is also likely to play the dominant mechanistic role, exhibiting an extraordinary capacity to act as both a dislocation source and sink to mediate inelastic shear/slip transfer while avoiding extreme stress concentrations that lead to fracture initiation. As such, it drastically enhances the tensile ductility of the entire crystalline-amorphous nanolaminates. The synergy between the nanoscale metallic glass and nanocrystalline layers in modulating dislocation behavior, enabled by the precise dimensional and chemistry control available with magnetron sputtering, is the feature that underlies the unusual mechanical properties of these nanolaminates.
The large tensile ductility and nearly ideal plastic flow behavior presented here suggest that the nanocrystalline-metallic glass composite approach is a viable route toward developing materials with mechanical performance beyond those achievable from singlephase elemental materials and vastly superior to those predicted from the simple rule-of-mixtures. Our results indicate that nanometer-sized metallic glasses can be used to enhance the very limited tensile ductility of nanocrystalline materials. The near-perfect elastoplasticity without any strain hardening has implications for room-temperature forming of nanoscale metallic glasses and crystalline-amorphous nanocomposites. We note that the solidstate amorphization process occurs in a number of material systems, such as Cu/Ti, Ni/Ti, Cu/Hf, Ag/Zr, Ni/Zr, Ag/Hf, Ni/Nb, Ti/Si, and Pd/Si. Therefore, the crystalline-amorphous nanolaminate approach is likely applicable to many other materials systems. This study provides impetus for future experimental and theoretical endeavors to predict, design, and explore such hybrid nanomaterial properties that are not readily available through conventional approaches (38) .
Materials and Methods
The nanocrystalline-amorphous nanolaminate foils (up to 25 cm in diameter) were fabricated by using dc magnetron sputtering with alternating layers of high-purity Cu (99.999%) and Zr (99.7%) (39, 40) . By controlling the thickness of each deposition layer, different variations of nanocrystalline Cu and amorphous Cu/Zr nanolaminates can be fabricated. For description purposes, we use sample notation, such as 5/35, which refers to the samples with 5-nm-thick Cu/Zr amorphous layers and 35-nm-thick nanocrystalline Cu layers. Because the grain size in the crystal layers equals approximately to the layer thickness, we were able to control the smallest grain size down to 5 nm (i.e., 5/5 system). Such small grain-sized materials were previously only available in computer simulations (7) . For the 5/35 system, the deposited thicknesses of the Cu layer and Zr layer are 38.8 nm and 2.5 nm, respectively. Solid-state amorphization resulted in the formation of a 35-nm Cu layer and 5-nm amorphous Cu/Zr. Conservation of mass analysis indicated that the composition of the amorphous layer is ϷCu 3 Zr. Electron dispersive x-ray analysis supports this result. The samples we have fabricated typically include 5-to 10-nm-thick Cu/Zr amorphous layers, and 5-to 70-nm-thick nanocrystalline Cu layers.
The overall thickness of the as-fabricated samples was in the range of 20-110 m. The initial Cu/Zr foils were deposited onto (100)Si wafers by using an argon working pressure of 3 mtorr (1 torr ϭ 133 Pa). X-ray diffraction scans indicate that the nanocrystalline Cu layer has (111) out-of-plane texture and random in-plane orientations. The residual stresses of the as-deposited nanolaminates are typically small, in the range of Ϯ15 MPa, as measured by a FLX-2320 thin film stress measurement instrument (Tencor, San Jose, CA).
To prepare the dog-bone tensile specimens (the gauge length and width were 6 and 3 mm, respectively; previously reported tensile tests of nanostructured metals typically used a gauge length in the range of 1-5 mm), two stainless steel plates (Ϸ3 mm thick each) were first machined into the required sample geometry and used as dies [see supporting information (SI) Fig. 5] ; then, Cu/Zr nanolaminate foils were sandwiched between these two plates and mechanically cut into the sample shape with a scalpel. Ethanol was used as the lubricant during the cutting, and the whole process did not involve grinding or thermal heating. The accurate dimensions of all samples were measured with a Axioplan2 optical microscope (Zeiss, Oberkochen, Germany) at a magnification of ϫ25, and the thickness was measured with a S-4500 scanning electron microscope (Hitachi, Tokyo, Japan). Experiments at Lawrence Livermore National Laboratory with samples prepared by electrodischarge machining and laser machining have demonstrated the local melting and crystallization of the amorphous Cu Ϸ3 Zr at the sample edges, resulting in a decreased tensile elongation to failure as reported in ref. 41 . The uniaxial tensile tests were carried out in an Instron (Norwood, MA) 4444 tensile machine at a strain rate of 1 ϫ 10 Ϫ4 s Ϫ1 . The tensile elongation was measured by using an LE-01 laser extensometer (Electronic Instrument Research, Irwin, PA) having a displacement resolution of 1 m. Two silver-colored tapes acting as reflective marks for tensile strain measurements were attached to the gauge surface of the samples.
The strain rate jump tests were performed in the same tensile machine in the strain rate range of 1 ϫ 10 Ϫ4 to 7 ϫ 10 Ϫ4 s Ϫ1 . The strain rate sensitivity was calculated by using the standard formula
where and are the flow stress and the strain rate, respectively. TEM was performed on a CM300-FEG microscope (Philips, Eindhoven, The Netherlands) operated at 300 kV. The crosssectional and plan-view TEM samples were prepared by using dual focus ion beam technique and double jet electropolishing, respectively. The microstructures of the nanolaminates were found to be uniform throughout the thickness regardless the total thickness of the samples.
The room-temperature cold rolling experiments were carried out at the strain rate of Ϸ10 0 s Ϫ1 . The foils were sandwiched between two polished stainless steel plates between each rolling pass. The degree of the deformation is defined by using the percentage of thickness reduction as (h 0 Ϫ h)/h 0 ϫ 100%, where h 0 and h are the thickness of the samples or individual layers before and after rolling. Our TEM observations indicate that despite the large rolling strain (50% thickness reduction), the layer structure of nanolaminates remains intact, and the plastic flow of the amorphous metallic glass layer was found homogeneous. To record the thickness reduction of amorphous and nanocrystalline layers during tensile tests and rolling experiments, we have measured the overall sample thickness reduction, bilayer thickness reduction (crystalline plus amorphous layers), as well as the individual amorphous layer thickness reduction in TEM. These measurements yield rather consistent results in a way such that the thickness reduction of the amorphous layers can be systemically documented. The result shown in Fig. 2E is an example of how the measurements were performed. We call it ''local strain'' because of the wavy nature of the ACIs.
The reference Cu/304 stainless steel (304 SS) crystalline nanolaminate samples were fabricated by using sputter deposition. The mechanical property measurements on these samples with different bilayer thickness indicate that, when the bilayer thickness is Ͻ100 nm, the tensile elongation to failure of Cu/304 SS nanolaminates falls in the range of 1-4%, which is substantially less than that seen in Cu/Zr nanocrystalline-amorphous nanolaminates.
Simulation Details. We adopt the Cu-Zr interatomic potential of Duan et al. (31) . The nanocrystalline-amorphous multilayer configuration is produced from a reference solid structure (singlecrystal or polycrystal) of pure Cu by (i) random replacements of Cu with Zr in selected slices; (ii) melting of the selected slices by keeping the temperature at 1,600 K while constraining the rest of the atoms to be immobile; (iii) slow quench of the selected slices to 650 K, where the Cu-Zr layer undergoes glass transition at Ϸ700 K; (iv) slow quench of the entire system (the rest of the atoms no longer constrained) from 650 to 300 K. During simulations, uniaxial tension is applied in ͗112 ͘ direction, with strain rate of Ϸ1 ϫ 10 8 s Ϫ1 . Periodic boundary conditions are applied in all three dimensions. The inelastic or transformation strain was calculated and rendered atom by atom. The atoms with the inelastic strain Ͻ6% are not shown in Fig. 3 C and D. We also observed ACI sliding (akin to GB sliding) triggered by dislocation absorption. Additional MD simulation setup and results can be seen in SI Text, SI Figs. 6-8, and SI Movies 1-3.
